An in situ neutron diffraction experiment during austempering of low-alloyed transformationinduced plasticity steel, Fe-1.48Si-1.52Mn-0.15C, in wt pct was conducted. In this study, timeof-flight neutron diffractometer with a large detector coverage, iMATERIA at J-PARC MLF, was employed. The phase fraction and carbon concentration in austenite could be quantitatively determined with a time resolution 1 minute although considerable textures existed for both ferrite and austenite. The carbon concentration in austenite during austempering was found to be inhomogeneous, resulting in a bimodal concentration distribution. The low-carbon region was consumed by bainite transformation whereas the high-carbon austenite slightly increased and even survived the final cooling to room temperature, forming a retained austenite. The rate of bainite transformation was affected by the state prior to the start of austempering. Consequently, different morphological features of the retained austenite were formed. More block-shaped austenite was observed in the case of slower bainite transformation, and it was determined that film-shaped austenite could also exist. The average carbon concentration was similar to that of high-carbon austenite during austempering. Hence, the film and block shapes of the retained austenite do not necessarily reflect the difference in carbon concentration.
I. INTRODUCTION
HEAT treatment is one of the most fundamental processes in the manufacturing of metallic materials. [1] [2] [3] In particular, in steel industries, the researchers are focusing on austempering, which involves isothermal heating at approximately 673 K after cooling from a higher temperature. This process develops complex microstructures, including bainite and retained austenite, leading to the production of transformation-induced plasticity (TRIP) steels. [4] Hence, several in situ diffraction studies have focused on the behavior of austenite and the development of the bainite structure during austempering. [5] [6] [7] [8] In general, a diffraction experiment can provide the phase fractions and lattice parameter. The latter for austenite is particularly important, because it is the function of carbon concentration. The carbon enrichment in austenite is one of the most important controlling mechanisms of bainite transformation. [1] In addition, it affects the deformation behavior of the product as well as the fraction of austenite. [3] From these studies, the understanding of bainite transformation has progressed significantly during the past three decades.
However, the knowledge obtained is not necessarily applicable to the industrial processes. The recent trend of industrial research is to focus on low-alloyed TRIP steels. The basic composition of low-alloyed TRIP steel is Fe-(1-2)Si-(1-2)Mn-(0.1-0.2)C in wt pct. [9] The bainite transformation of this type of steel is relatively fast. Therefore, austempering typically takes less than 1000 seconds. This situation is somewhat different from the lower bainite transformation of high-carbon (~0.6 wt pct) steels, reported by Rakha et al., [7] Stone et al., [8] and Nishijima et al. [6] These studies reported inhomogeneous carbon enrichment in austenite during austempering, which was observed as the asymmetrical irregular shapes of diffraction peaks for austenite. It should be confirmed whether the relatively fast reaction YUSUKE August 22, 2019 in the low-carbon TRIP steel show similar behavior. Guo et al. found that during austempering, the untransformed austenite consisted of two different parts containing high (~1.2 wt pct) and low (0.2 to 0.4 wt pct) amounts of carbon. [5] They used Fe-0.91Si-1.37Mn-1.54Cr-0.1Cu-0.14Mo-0.06Ni-0.22C. The higher value of the carbon concentration, 1.2 wt pct, was almost on the T 0 line, where the Gibbs free energies for ferrite and austenite are the same. This appears somewhat contradict the idea suggested by Bhadeshia that the bainite transformation should stop at the T 0 ¢ concentration, which is lower than T 0.
[1] Therefore, the inhomogeneous distribution of carbon in austenite is the key obtaining an in-depth understanding of bainite transformation.
The in situ observation of the dynamic phenomenon requires fast and quantitative data acquisition. As for the in situ phase fraction determination, studies using high-energy transmission X-ray diffraction have most frequently been reported. [5] [6] [7] [8] Owning to the superior flux of synchrotron X-rays and the advanced analysis technique for the 2D images of Debye-Scherrer rings, the data acquisition time can be less than 1 minute. However, the disadvantage of this technique involves lack of the resolution in q-or d-spacing (µq À1 ) due to the forward scattering nature, which may result in a qualitative and ambiguous analysis of the lattice parameter, i.e., carbon concentration.
In this study in situ observations of austempering for Fe-1.5Si-1.5Mn-0.15C (wt pct) were made by using Time-Of-Flight (TOF) type neutron diffraction. The properties could be quantitatively determined with a time resolution of 1 minute, which successfully captured the bainite transformation and accompanying carbon diffusion. The results obtained are reasonably consistent with the microstructures after the heat treatment. The inhomogeneous carbon enrichment occurs also in the current case. This resulted in a bimodal distribution of carbon concentration. It seems, however, that the highand low-carbon austenite parts do not necessarily correspond to the morphologies-film and block, respectively. The higher side of the carbon concentration observed in this study exceeded the concentration at the T 0 line.
II. EXPERIMENTAL METHOD

A. Measurement and Analysis
A strategy for the quantitative determination of phase fractions in steels using iMATERIA was previously proposed. [10] This was an application of Rietveld texture analysis (RTA) through multiple TOF neutron diffractograms in a wide range of scattering directions [11, 12] using the MAUD software. [13] The notable advantage of this method was that the phase fraction could quantitatively be determined even if severe textures existed. The phase fraction is often determined by the comparison of integrated intensities of peaks for ferrite and austenite. [14] However, a result of this simple method may be affected by textures, which is not suitable for industrial materials, such as having sheet forms. [10] The details of the analysis can be found in previous work. [10, 15] RTA has also been applied in synchrotron X-ray diffraction. [5, 16, 17] The strategy used here is distinguished from other methods by designating it as ''neutron-diffraction-based Rietveld texture analysis'' (NDRTA). The iMATERIA measurement for NDRTA does not require any rotation or movement of either the sample or the apparatus (the detector). Such a one-shot method is advantageous for the in situ observation of dynamically changing structures. Repeating the measurements (e.g., at different sample angles) for one integrated analysis may cause some difficulties in the integration of the results, because each measurement was carried out at a different time.
The lattice parameter was determined by the position of 111c diffraction peak in the diffractograms observed by the entire 90 deg bank (Banks 81, 90, and 99, see Reference 10) with a binning width of 2 ls for TOF. As described in the following sections, a peak splitting was observed for the austenite phase. Hence, it was necessary to distinguish the overlapped contributions. For this purpose, the Gaussian fitting of the single diffraction peak, 111c, was applied. A similar analysis was attempted for synchrotron X-ray data by Guo et al. [5] In their case, they used 200c because of the overlap of 111c and 110a. This was because of the broad peak shape seen in the forward scattering experiment. Generally, the peak width (called instrumental broadening) becomes smaller with increasing 2h and an arbitrary scattering angle can be chosen in case of TOF-type neutron diffraction. Then, the isolated 111c, which provided the best resolution and integrated intensity, was available.
The in situ neutron experiments were conducted with a proton beam power of 300 kW. Since the incident neutron flux was proportionally increased with the proton beam power, the time resolution reported in this paper will therefore be finer when the maximum beam power at J-PARC, 1000 kW, is achieved.
Electron backscatter diffraction (EBSD) measurement was carried out for the samples after the in situ neutron diffraction experiment to investigate the microstructure using a Schottky field emission scanning electron microscope, SU5000 (Hitachi), equipped with AMETEK EDAX orientation imaging microscopy. The crosssection perpendicular to the transverse direction in the rolling process was measured. The sample surface was prepared by mechanical polishing and subsequent electrolytic polishing. A 0.16 mm 9 0.16 mm area was scanned, using a step size of 0.2 lm.
B. Sample
The composition of the tested sample was Fe-1.48Si-1.52Mn-0.15C in wt pct. The cast and hot-forged plate was hot-rolled to 6 mm in sheet thickness and slowly cooled in a furnace. After the surface was milled to remove the oxide layers, the sample was cold-rolled to a final thickness of 2.0 mm.
Based on the chemical composition of the sample, transformation temperatures upon cooling were estimated in this study to assist in understanding how the bainite transformation occurs in the austempering treatment. According to the equations put forward by Andrews, the transformation temperatures, A c3 , A c1 , and M s are 1171, 1023, and 696 K, respectively. [18] The bainite start temperature, B s , was estimated to be 844 K by MAP_STEEL_MUCG83 software. [1, 19] This software also predicted M s as 707 K, which was fairly close to the estimation by the Andrews equation.
Heat treatment experiments are often conducted on steel using thin cylindrical samples for ease of temperature control (especially with the increase in cooling rate), as reported in the literature. [20] However, in this study, the focus was on the observations for a ''rolled and textured sheet'' from a practical or industrial perspective, which was allowed by the large penetration depth of thermal neutrons into steel samples. The shape of the sample used in this study ( Figure 1 ) was cut from the cold-rolled sheet by spark erosion. The hole on the top was used to attach the sample to the sample rod in Figure 2 (a). The beam center was 24 mm away from the bottom edge ( Figure 1 ) at room temperature.
C. Heat Treatment Schemes
To conduct the in situ neutron diffraction experiment, the quadruple-lamp infrared ray furnace shown in Figure 2 was developed. It was capable of rapid heating at more than 10 K/s. Quenching was performed by a helium gas jet at a cooling rate greater than 20 K/s. As shown in Figure 2 (b), the beam paths were not obstructed by any part of the equipment. The details of the instrument will be introduced elsewhere in future.
Two different heating schemes were applied in this study. The sections consisting of heating and isothermal stasis were virtually identical in the two schemes; (Step 1) heating to 973 K at 1 K/s and maintaining this temperature for 1200 seconds, and (Step 2) heating to 1273 K at 1 K/s and maintaining the temperature for 1200 seconds. In Scheme 1, the sample was first quenched to 973 K (Step 3-1), then 673 K (Step 4-1), and finally to room temperature. In Scheme 2, quenching (Step 3-2) to 673 K and maintaining for 600 seconds immediately after Step 2, followed by quenching to ambient temperature (303 K). In the quenching sequences, the heating was interrupted and the helium gas flowed under a constant pressure to obtain the maximum cooling rate. The main difference between the schemes was the existence of Step 3-2, the soaking at 973 K after full austenization at 1273 K for Scheme 1. Figure 3 indicates the measured heating curves for the two schemes.
III. RESULTS
A. Average Phase Fractions and Textures
The austenite phase fractions, Vc, determined by the NDRTA during the isothermal heating steps in Schemes 1 and 2 are listed in Tables I and II , respectively. Because every diffraction dataset used here covers the entire duration of each isothermal step, any change during the isothermal heating is averaged. The remaining part (100 À Vc) consists mainly of ferrite, but a cementite (Fe 3 C) phase is also observed in some steps. Although this phase was not included in the RTA because of its negligible diffraction intensity, cementite diffraction peaks were still detectable. Therefore, the presence of cementite is also listed in Tables I and II . The confirmation of phases present was accomplished based on the visibility of the corresponding diffraction peak. Therefore, the ''n'' entries in Table I do not necessarily signify the complete absence of cementite, because of the uncertainty in the diffractograms.
The initial state consists of ferrite and cementite (pearlite). These two phases remain at Step 1. These are completely transformed to austenite at Step 2, which is commonly observed in both schemes. In Scheme 1, the cementite appears again at Step 3-1. As the value of A c1 = 1023 K is estimated by Andrews' equation, the precipitation of cementite is possible if there is sufficient diffusion of Si. At Step 4-1 in Scheme 1, the diffraction peaks of the austenite phase have irregular asymmetric shapes, as shown in Figure 4(a) . This feature is not observed after cooling to room temperature as shown in Figure 4(b) .
In Scheme 2, the presence of cementite is unconfirmed after austenizing. This is because of the retardation of cementite precipitation by Si. [1] As confirmed in Table II , Vc is increased slightly by the cooling from 673 K to the ambient temperature. However, this difference is within the range of analytical error. The previous verification showed that the analyzed Vc could have an analytical error of 5 pct. [10] Rather, a more significant observation is the near-absence of the transformation of austenite in this cooling process. Figure 5 shows the pole figure analyzed during Scheme 1. Although texture is not the key feature to be discussed here, it should be noted that textures exist for both ferrite and austenite in all the heating steps. In a comparison of Figures 5(a) and (h), similar pole distributions are observed, although the ferrite phase was completely transformed once in the heat treatment. This is known as the texture memory effect. [21] B. Carbon Concentration in Austenite
The irregular peak shape of austenite during the austempering step in Scheme 1 can be expressed as the overlapping of two Gaussian profiles, as shown in Figure 6 . This suggests that the austenite phase is separated into two states with different lattice parameters as reported by Guo et al. [5] The lattice parameters corresponding to these peaks are 0.3625 ± 0.0002 nm and 0.3642 ± 0.0001 nm. According to previous literature, the addition of interstitial C linearly increases the lattice parameter. Addition of Mn also has a positive effect. Adding Si does not increase or decrease the lattice parameter. [22] [23] [24] Dyson reported the relationship between the lattice parameter of austenite and various alloying elements. [22] Although Dyson's equation has been frequently referred to in the studies of TRIP steels, the experimental data of Mn addition show a large discrepancy. Recent experimental studies using binary alloys by Onink et al. [24] and Li et al. [25] reported the effects of the presence of C and Mn on the lattice parameter, respectively. They also reported the effects of these elements on the thermal expansion coefficient, a A . By combining their results, Lee et al. [23] proposed and verified the following equation for Fe-C-Mn(-Si) alloys. a A ½nm ¼ ð0:35729 þ 7:83 Â 10 À4 X C þ 1:144
where a A is the lattice parameter of austenite, X C is the C concentration (at. pct), X Mn is the Mn concentration (at. pct), and T is the absolute temperature (K). Here, it is assumed that X Mn is identical to that for the bulk composition, 1.51 at. pct. Although the segregation of Mn is often reported, Mn is soluble both in ferrite and austenite. Therefore, the deviation of Mn concentration in austenite from the bulk concentration seems to be small. Instead, the element most likely affecting the lattice parameter is C. The following equation is derived from Eqs. [1] and [2] when T = 673 K: a A ¼ À1:468 Â 10 À7 X 2 C þ 7:229 Â 10 À4 X C þ 0:36063: ½3
Using the lattice parameters obtained from Figure 6 , 0.3625 and 0.3642 nm, the C concentrations are determined to be 0.58 and 1.12 wt pct, respectively. Similar calculations are conducted for the austenite lattice parameters after the full austenizing step. The results are summarized in Tables III and IV. To observe the development of the bimodal distribution of carbon, a time-resolved analysis was attempted. The austempering scheme, the 4-1 step in Scheme 1, is resolved by 20 seconds. This reveals the transition of the diffractogram over time as shown in Figure 7 , where the dynamic change of the 111c peak is observed whereas the 110a remains stable. Figure 8 presents a summary of the changes in lattice parameters during austempering steps. The Gaussian fitting approach assuming the existence of two austenite phases is also applied here. As observed in Figure 8(a) , a gradual increase of carbon concentration takes place, but a bimodal distribution is kept throughout the isothermal step in Scheme 1. However, the bimodal distribution of carbon immediately disappears in Scheme 2 as shown in Figure 8(b) . The ranges in carbon concentrations shown in Tables III and IV correspond to the gradual increases of carbon concentration seen in this figure. C. Microstructure Figure 9 shows the EBSD measurement results for the samples used in the neutron diffraction study described above. The image quality (IQ) maps shown in Figures 9(a) and (b) indicate the clarity of the electron diffraction pattern at each measurement point, so that such defects as grain boundaries, as well as cell or lath boundaries, are identifiable as dark lines. As illustrated in Figure 9 (a), the microstructure of the sample heated through Scheme 1 consists of granular ferrite and the colonies consisting of lath structure. On the other hand, the microstructure after Scheme 2 shown in Figure 9 (b) is mostly covered with lath structures.
The phase maps, Figures 9(c) and (d) , reveal the presence of block-shape austenite particles. The detected areal fractions of austenite for Schemes 1 and 2 are only 3 and 1 pct, respectively. They are much smaller than the quantity estimated by NDRTA. It has often been noted that the EBSD measurement tends to underestimate the fraction of the retained austenite. [14] Although multiple explanations have been suggested, the most likely and simple reason is that the EBSD measurement may overlook fine or thin particles between the points of the pattern acquisition. Moreover, it does not account for indexing due to the overlapping pattern from multiple phases. [26] As shown in Tables I and II, the retained austenite fractions after Schemes 1 and 2 do not differ significantly. Therefore, the significant difference in austenite fraction detected by EBSD results from the existence of the film-shaped austenite. The microstructure after Scheme 2 may contain greater fraction of thin film austenite than that after Scheme 1 because there should be more undetected austenite by EBSD.
IV. DISCUSSION
A. Dynamic Change and Bimodal Distribution of Carbon Concentration in Austenite During Austempering
As confirmed in Figure 8 , the consumable low-carbon austenite and stable high-carbon austenite are both present at the austempering stage. The former is consumed gradually by bainite transformation and the following martensite transformation during the final cooling, but the latter remains during the austempering. Most of the stable austenite remains even after cooling to ambient temperature.
The carbon concentrations after cooling show values similar to those of high-carbon austenite during austempering both in Schemes 1 and 2. Also, the carbon concentrations are almost identical after the final cooling; however, the microstructures after the two schemes shown in Figure 9 look quite different. Guo et al. explained that the high-and low-carbon austenite, respectively, correspond to the film-and block-shaped austenite grains. [5] However, a considerable amount of block-shape austenite is observed after Scheme 1 in the current study. Hence, even block-shaped austenite can have a carbon concentration as high as 1.2 wt pct. Further studies are needed to clarify the relationship between morphology and carbon concentration. As discussed by Sugimoto et al., these factors are important for modifying the properties of TRIP steels. [27] MAP_STEEL_MUCG83 software, was used to estimate the theoretical carbon concentrations at 673 K for the para-equilibrium state (X eq , value on the extended A e3 line), on T 0 line (X T 0 , where the free energies of a and c are identical), and T 0 ¢ calculated by assuming the strain energy of 400 J/mol required by the shear transformation (X T 0 0 ). The results were; X eq = 1.51 wt pct, X T 0 = 0.84 wt pct, and X T 0 0 = 0.59 wt pct. Although both the analysis and the estimation may contain certain errors, the analyzed carbon concentration for the high-carbon austenite is higher than X T 0 . Although further investigation with more data, e.g., microscopic observation, should be conducted, it is possible that the observed higher side of the carbon concentration is controlled by cementite precipitation. [28] B. Phase Fractions of High and Low-Carbon Austenite Figure 7 indicates the dynamic change of the austenite fraction during the isothermal heating, as well as the lattice parameters. The change of the phase fractions is analyzed by NDRTA every 60 seconds for Scheme 1. NDRTA usually refines many parameters simultaneously, including lattice constants, phase fractions, Debye-Waller factors (B iso ), and textures. However, refining these many parameters with poor-quality data (i.e., data from insufficient exposure time) can lead to large uncertainties. Therefore, only volume fractions, peak shapes, and other essential parameters (scale factors and background) are refined. Because the textures and B iso factors seem to be almost independent during the isothermal heating, the results from the averaged data shown in the previous section are used. Two austenite phases, c 1 and c 2 , are designated as the low-and high-carbon phases, respectively. The lattice parameters are fixed at the values obtained by the Gaussian fitting analysis shown in Figure 8(a) .
The result is shown in Figure 10 . The volume fraction of austenite during Step 3-1 (973 K) reaches the value shown in Table I , 23 pct, within several minutes. This confirms that the analyses using a time interval of 60 seconds are as reliable as the averaged data taken over 1200 seconds. The change of austenite fraction during Step 4-1 takes place more slowly, and the reduction of the total amount of austenite is mainly caused by the low-carbon austenite, c 1 . On the contrary, c 2 increases slightly from 7.7 to 8.3 pct. The average of the total fraction of austenite during Step 4-1 is higher than the value listed in Table II, 9.7 pct. This could be because of the irregularly shaped austenite peaks being fitted by a single phase (i.e., a single lattice constant) resulting in a poor approximation.
The martensite start temperatures, M s for Fe-1.48Si-1.51Mn-0.6C and Fe-1.48Si-1.51Mn-1.2C, are estimated to be 505 and 237 K, respectively by using MAP_-STEEL_MUCG83 software. These indicate that the low-carbon austenite transforms into martensite in the final cooling step while the high-carbon austenite remains. In effect, the volume fraction of c 2 is similar to that of the retained fraction. The dark regions confirmed in Figures 9(a) and (c) may be the martensite that was the low-carbon austenite before the final cooling.
C. Effect of Temperature History Prior to Austempering
As explained above, the low-carbon austenite disappears at a very early stage of the austempering step in Scheme 2. Both the lattice constant and integrated intensity of the peak of the high-carbon austenite are very stable, so the dynamic volume fraction analysis by NDRTA is not attempted in this case. Because the estimated martensite starting temperature is approximately 700 K for the bulk composition, it may be possible that the fast transformation observed was martensite transformation. However, the transformation actually started during cooling from Step 2 to 3-2 and took approximately 60 seconds to achieve the steady state shown in Figure 8 . Together with the microstructural similarity to the results from Scheme 1, it is concluded that the lath structure formed by Scheme 2 was also composed of upper bainite.
The notable difference of the transformation rate between Schemes 1 and 2 should be caused by the difference in the initial carbon concentrations of austenite at the beginning of the bainite transformation. In the case of the fast bainite transformation in Scheme 2, most of the retained austenite forms in a film shape between the ferrite laths. This is because of the lack of time necessary for the carbon to diffuse. In Scheme 1, where the bainite transformation proceeds more slowly, carbon can diffuse through the austenite, resulting in the blocky shape of the retained austenite. However, they do not immediately achieve uniform distribution. The bainite transformation preferentially takes place in the remaining low-carbon region.
In Scheme 2, the initial carbon concentration is identical to the bulk composition, 0.15 pct. In effect, the single point of the low-carbon austenite observed in Figure 8 (b) corresponds to a carbon concentration of 0.18 pct. In Scheme 1, however, the first plot for the low-carbon austenite in Figure 8 (a) corresponds to a carbon concentration of 0.50 pct, which is also similar to the carbon concentration achieved in the previous step. Therefore, it is considered that the low-carbon austenite phase, c 1 , is virtually identical to the austenite before cooling to the austempering temperature.
V. CONCLUSIONS
Attempts to observe the dynamic microstructural changes that occur during the heat treatment of Fe-1.48Si-1.52Mn-0.15C steel via TOF-type neutron diffraction were made. Two heating schemes were applied, with and without the isothermal heating at 973 K after full austenizing and before austempering at 673 K. The main conclusions are summarized as follows.
1. Carbon concentrations in the austenite phase at various temperatures were estimated by the positions of 111 diffraction peaks. A bimodal distribution of carbon was confirmed during the austempering at 673 K after quenching from 973 K. In the case of the austempering immediately after full austenizing, bainite transformation proceeded rapidly. The bimodal distribution was observed only in the first 20 seconds in the austempering step. 2. The phase fractions of high-and low-carbon austenite were determined by neutron-diffractionbased Rietveld texture analysis. While the lowcarbon austenite gradually decreased during austempering after 973 K, the high-carbon austenite slightly increased. 3. The retained austenite found after the final cooling to room temperature had a close volume fraction and carbon concentration to those of high-carbon austenite at the end of austempering. The blockshaped retained austenite was detected by EBSD, but its fraction was much lower than that detected by neutron diffraction. There should be film-shaped austenite that neutron diffraction can account for but EBSD cannot. 4. Isothermal heating at 973 K resulted in a large fraction of block-shaped retained austenite. However, the average carbon concentrations in the final microstructures were almost identical regardless of the presence of heating at 973 K. Hence, the block and film shapes do not necessarily correspond to the high and low-carbon austenite observed during austempering. 
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